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Temperature dependent synchrotron x-ray powder diffraction, differential scanning calorimetry, and
magnetic measurements were performed on Ni2+xMn1−x

I. INTRODUCTION

Ni–Mn–Ga magnetic shape memory alloys have re-
ceived considerable attention over the last few years because
of their magnetic field driven shape memory effects.1,2 The
system exhibits large magnetic field induced strain, magne-
tocaloric effect,3,4 and negative magnetoresistance.5 As a re-
sult, technological applications such as actuators, sensors,
magnetic refrigerators, and medical devices have been envis-
aged. The stoichiometric compound, Ni2MnGa, has an L21

structure �the austenite phase� at room temperature. It shows
ferromagnetic-paramagnetic transition at 376 K and
austenite-martensite structural transition on cooling below
202 K.6 The structure of the martensite phase, the
ferromagnetic-paramagnetic transition temperature �TC�, and
the austenite-martensite phase transition temperature �TM�
are highly sensitive to the concentration �x� in the nonsto-
ichiometric Ni2+xMn1−xGa alloy. It is known that TC de-
creases and TM increases with increasing x, both coinciding
at x=0.18,7–11 a crossover composition. Further, depending
on the composition, the structure of the martensitic phase is
nonmodulated tetragonal or modulated �7M or 5M�
orthorhombic/monoclinic.12–14 Recently, Banik et al.15

showed that annealing at 773 K of powder of the composi-
tion x=0.20 led to an irreversible tetragonal to monoclinic
transformation. This was not the case for a higher composi-
tion x=0.35 despite a similar treatment of the specimen. A
similar result has been reported by Gaitzsch et al.16 for a
Mn-excess composition Ni2Mn1.2Ga0.8. For a basic under-
standing it is important to investigate the details of the trans-
formation pathway of the irreversible transformations in
Ni2.2Mn0.8Ga. Inoue et al.17,18 reported a detailed tempera-

ture dependent structural study of transformation process in a
single crystal of the crossover composition Ni2.18Mn0.82Ga.
The authors reported that in the martensite phase the crystal
is divided into many small variants with tetragonal structure.
In this paper, we report the results of a detailed temperature
dependent x-ray powder diffraction study of Ni2.2Mn0.8Ga
�x=0.20� and Ni2.35Mn0.66Ga0.98 �x=0.35�. The structure of
x=0.20 is shown to be sensitive to the mechanical and ther-
mal treatment of the powder and also between the bulk and
powder for a similar thermal treatment. It is argued that the
residual stress in the system transforms the monoclinic phase
to tetragonal, presumably due to nearly degenerate energies
of both the phases for x=0.20. For x=0.35, the tetragonal
structure is stable at room temperature under all conditions.

II. EXPERIMENTAL METHOD

Polycrystalline ingots of Ni2.2Mn0.8Ga and
Ni2.35Mn0.65Ga were prepared by arc melting under argon
atmosphere by taking appropriate quantities of the constitu-
ent metals of 99.99% purity. The homogenization of the in-
got material was done by annealing at 1100 K for 9 days.
The sample was subsequently quenched in ice water. Com-
position of the sample was determined with energy disper-
sive x-ray analysis. The ingot was cut into pieces by dia-
mond saw and subsequently ground into powder by
mechanical grinding in mortar and pestle for x-ray diffrac-
tion �XRD� and differential scanning calorimetry �DSC� ex-
periments. No further annealing was done. The particle size
of the powder was found to be in the range 1–3 �m. DSC
measurement on powder was done using TA Instruments
MDSC model 2910 at a scan rate of 0.5 °C /min. Low field
ac susceptibility was measured using a double-balanced coil
arrangement under 26.0 Oe field and 33.33 Hz frequency.a�Electronic mail: rajeev@materials.iisc.ernet.in.

Ga �x=0.20 and 0.35� magnetic shape
memory alloys. For x=0.20, though the monoclinic phase is thermodynamically stable, a trace of
residual stress can stabilize a tetragonal phase. The residual-stress-induced tetragonal phase
transforms to the cubic austenite phase over an unusually large temperature range �348 K�T
�693 K�, suggesting extremely slow kinetics of transformation. In contrast to x=0.20, the
thermodynamically stable phase of x=0.35 is tetragonal and this composition exhibits the usual
features of a reversible martensitic transformation. The results suggest that for x=0.20 the
monoclinic and tetragonal phases are nearly degenerate.
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Synchrotron x-ray powder diffraction data on the powder
were recorded in Debye–Scherrer geometry using an image
plate detector at the B2 instrument at HASYLAB/DESY
�Hamburg, Germany�. Data were collected in 2� steps of
0.004° over the angular range 5–60° using a wavelength ���
of 0.5 Å for x=0.20 and 0.48917 Å for x=0.35. The wave-
length calibration was done with the help of standard LaB6

powder diffraction data. The sample was filled in a quartz
capillary and rotated during the measurement in the furnace
assembly; the temperature of which was controlled within
�0.5 K with a programmable temperature controller. The
temperature was allowed to stabilize for about 5 min before
starting the data collection process. Structure analysis was
carried out with FULLPROF.19

III. RESULTS AND DISCUSSION

A. Crystal structure and microstructural analysis of
powder Ni2.2Mn0.8Ga

The x-ray powder diffraction pattern of the unannealed
powder of x=0.2 at 303 K is shown in the bottom panel of
the left column of Fig. 1. The Bragg peaks can be indexed
with a tetragonal cell first suggested by Wedel et al.20 with
lattice parameters of a=3.8798 Å and c=6.4974 Å. The
widths of the Bragg peaks were, however, found to be no-
ticeably larger than the instrumental full width at half
maxima �FWHMs� ��0.04°� determined from the powder
pattern of a standard LaB6. Microstructural information was
obtained through Williamson–Hall analysis of the peak
widths, after subtracting the instrumental FWHM, using the
equation � cos �=2��d /d�sin �+� / �D�. In this expression
�D� and ��d /d� represent the average value of the coherently
scattering domain �CSD� size and strain, respectively, � is
the FWHM of the Bragg peak at 2�, and � is the wavelength
of the x-ray radiation. The Williamson–Hall plot, shown in
Fig. 2, clearly reveals anisotropic peak broadening since a
single straight line cannot fit the points corresponding to the
reflections 112 and its second order, 224, with the rest of the
data points. The linear fits through the two sets of data points
and the corresponding equations are shown in Fig. 2. The
value of �D� estimated from the peaks 200, 220, 204, and
312 is �250 Å, and the average strain within the crystallites
is in the range 0.3%–0.5%. The small value of �D� can result
from �i� generation of significantly large number of defects,
primarily dislocations, due to the mechanical work during
the crushing process, or �ii� inducement of finely twinned
regions associated with the stress driven monoclinic-to-
tetragonal transition, or �iii� a combination of both the fac-
tors. Further, the significantly large value of ��d /d� suggests
the presence of significant residual stress within the crystal-
lites. These internal stresses seem to play an important role
in the stabilization of the tetragonal phase for x=0.20 for
which, as discussed later, the competing tetragonal and the
monoclinic phases make the system susceptible to the inter-
nal stress fields.

B. Structural phase transition „XRD… of powder
Ni2.2Mn0.8Ga

Figure 1 �left column� shows the evolution of the XRD
pattern of the powder Ni2.2Mn0.8Ga on heating. The strongest
Bragg peak �220� of the cubic austenite phase appears at 348
K. The widths of the growing cubic Bragg peaks were found
to be extremely broad, and both the tetragonal and the cubic
phases coexist until 678 K �see inset corresponding to 678
K�. On further heating �this was carried out until 783 K in
this experiment�, the widths of the cubic Bragg peaks were

FIG. 1. Evolution of x-ray powder diffraction pattern of Ni2.2Mn0.8Ga as a
function of temperature. The left column �bottom to top� depicts the evolu-
tion on heating, while the right column �top to bottom� depicts the evolution
on cooling. The insets are magnified plots of the corresponding pattern. The
Miller indices of the tetragonal and cubic phases are shown in the bottom
panel of the left column and the top panel of the right column, respectively.
The arrow in the 348 K pattern indicates the appearance of the 220 cubic
peak.

FIG. 2. �Color online� Williamson–Hall analysis of the XRD pattern of the
powder of Ni2.2Mn0.8Ga at room temperature.



found to decrease. It was noted that the FWHM continues to
decrease after the temperature was held at 783 K for about
90 min, as shown in Fig. 3, suggesting gradual annealing of
the crystallites. It is evident from Fig. 3 that although the
FWHMs of the peaks have attained nearly constant value
after heating for �60 min, the fact that the FWHMs of the
peaks are still significantly higher than the instrumental
value of 0.04° suggests that the temperature of 783 K is not
sufficient for complete removal of strain in the system. Fig-
ure 4 shows the Williamson–Hall analysis of the FWHM of
the prominent Bragg peaks at the beginning and at the end
�after 84 min� of annealing the powder at 783 K. It is of
interest to note that the data points corresponding to the
peaks 400 and 620 fall on a separate straight line than the
points corresponding to the remaining peaks, thereby sug-
gesting anisotropic broadening in the cubic phase as well.
The anisotropic broadening was found to decrease with time
as evident from the decrease in the separation of the two
lines after annealing for 84 min �Fig. 4�. It was found that the
broadening of the Bragg peaks resulted primarily due to the
presence of strain and not due to the size effect. The average
strain ��d /d� in the cubic phase at the beginning of the an-
nealing at 783 K was found to be slightly larger than the
average strain at room temperature in the parent tetragonal
phase. This implies that associated with the slow transforma-
tion of the tetragonal phase to the cubic phase there is a
buildup of further internal stress in the system in addition to

the stress already present in the parent tetragonal phase. The
subsequent decrease in FWHM with an increase in the tem-
perature and time represents the gradual release of the inter-
nal stress in the system. However, as evident from Fig. 5 to
get rid of the internal stress completely, annealing at a tem-
perature greater than 783 K would be required.

The diffraction patterns while cooling from the cubic
phase is shown in the right column of Fig. 1. The cubic phase
is seen to persist down to 348 K, below which new reflec-
tions appear �e.g., at 333 K�; the intensity of which grows
very rapidly on cooling, along with a concomitant decrease
in the intensity of the cubic peak. However, unlike the
tetragonal-cubic transformation during the heating run, the
cubic �austenite� to the new martensite phase is completed
within a narrow temperature interval of �30 K, and no trace
of the cubic peaks is seen in the pattern at 298 K. It is
obvious from the powder pattern of the martensite phase ob-
tained during the cooling process that the structure of the
martensite is no longer tetragonal. A similar pattern has pre-
viously been indexed with respect to a 7M modulated mono-
clinic cell,15,21 and hence we attribute this phase as mono-
clinic. On the second thermal cycling, the powder specimen
showed reversible monoclinic-cubic-monoclinic transition.
Figure 6 shows the variation in the peak intensity of the
strongest reflection of the martensite phase during the second
thermal cycling. The graph shows the width of the thermal
hysteresis curve to be �10 K.

C. DSC study of Ni2.2Mn0.8Ga

Figure 7 shows the DSC measurement of the unannealed
powder of x=0.20 in two successive heating-cooling runs
carried out in the temperature range of 300–378 K. During

FIG. 3. �Color online� Evolution of the FWHM of prominent cubic reflec-
tions with time at 783 K.

FIG. 4. Williamson–Hall analysis of half widths of the Bragg peaks in the
cubic phase at the start and end �after 84 min� of annealing at 783 K. The
analysis suggests the presence of anisotropic peak broadening.

FIG. 5. �Color online� Time evolution of the strain parameter extracted from
the Williamson–Hall analysis of the two sets of data, as shown in Fig. 4.

FIG. 6. �Color online� Variation in the peak intensity of strongest reflection
of the monoclinic martensite phase on heating and cooling. This experiment
corresponds to the second thermal cycling.



the first heating run, a very weak signal �dip� was observed
as a change in the slope at �345 K. This temperature nearly
coincides with the temperature �348 K� at which new Bragg
peak �cubic� starts appearing in the XRD pattern of the pow-
der during the first heating run �Fig. 1�. On cooling, a well
defined peak is observed at �332 K, which coincides with
the onset temperature of the monoclinic martensite phase
formation during cooling from the cubic austenite phase
�Fig. 1�. In contrast to the first heating run, the DSC mea-
surement during the second heating run exhibits a clear and
broad dip at a temperature lower than the first heating run,
thereby indicating an irreversible change in the transition
during the first and the second heating runs. However, the
peaks occur at the same temperature during the first as well
as the second cooling runs, suggesting the reversible nature
of the transition during both the cooling runs. The difference
in the temperatures of the DSC anomalies during the two
heating runs and their similarity during the two cooling runs
can be rationalized in the light of the XRD results which
clearly revealed that the tetragonal phase transforms to the
cubic phase over a significantly extended range of tempera-
ture �348–678 K�; the rate of transformation being high just
above 348 K becomes very sluggish as the transformation
proceeds at higher temperatures. During the first heating run
of the DSC measurements, a significant fraction of the te-
tragonal phase transforms to cubic on heating up to 378 K.
On cooling, the cubic phase transforms to the monoclinic
phase. Since the heating of powder during the DSC measure-
ment was restricted to �400 K only, in view of the XRD
results, it is anticipated that after the first cooling run the
specimen at room temperature would contain a mixture of
monoclinic �transformed from the cubic� and untransformed
tetragonal phases. Further, in view of the fact that the
monoclinic-cubic transition is reversible and occurs in a rela-
tively narrow temperature interval �Fig. 6�, the occurrence of
a relatively strong and broad dip, at a slightly lower tempera-
ture, during the second heating run of the DSC measurement,
can be attributed to the transformation of the monoclinic
+tetragonal phases to the cubic phase. It is expected that this
peak would become sharper in subsequent heating runs,
more so if the specimen is heated well beyond 400 K during

a previous run �i.e., when all the tetragonal phase transforms
to cubic�. In such a situation, the anomalies in the DSC
curves during heating and cooling runs would represent a
reversible monoclinic-cubic-monoclinic transition. The find-
ings of the DSC and temperature dependent XRD measure-
ments are therefore in agreement and firmly establish the
metastable nature of the tetragonal phase in powder of
Ni2.2Mn0.8Ga.

D. Crystal structure of bulk Ni2.2Mn0.8Ga

Having confirmed that the monoclinic structure, and not
the tetragonal structure, is stable for x=0.20 powder speci-
men when cooled from the austenite phase, it is therefore
most likely that the tetragonal structure is induced as a result
of stress driven monoclinic-tetragonal transformation. Since
crystallites in a bulk specimen are constrained physically by
the surrounding grains, the level of internal stress in the crys-
tallites of a bulk and powder specimen is expected to be
different. In view of this, we also analyzed the crystal struc-
ture of the bulk, from which the powder was derived. A piece
of nearly parallelepiped shaped solid was obtained for XRD
study by diamond cutting the annealed and quenched bulk
mass �see Sec. II�. Figure 8�a� shows part of the XRD pattern
of a face of the sliced bulk piece so obtained. Since the
slicing of the ingot involved mechanical work, a possibility
of stress induced transformation is likely to take place near
the surface region of the solid piece. Further, since XRD
takes place from the near surface region of the specimen, the
diffraction pattern may not be representative of the bulk. In
view of this, the solid piece was annealed at 773 K for 10 h
and furnace cooled to room temperature to get rid of the
stress induced transformation, if any, near the surface region.
The corresponding pattern is shown in Fig. 8�b�. A compari-
son of Figs. 8�a� and 8�b� suggests that except for the relative
enhancement of the intensity of the Bragg peak at d
�2.05 Å in Fig. 8�b�, the two patterns are almost similar.
For the sake of identifying the phase�s� that are represented
by these peaks, we compared the above two patterns with the
XRD patterns of the monoclinic �Fig. 8�c�� and tetragonal
�Fig. 8�d�� phases of the powder specimens, and also with an
XRD pattern of the powder at 393 K recorded during the first
heating, representing a tetragonal+cubic phase mixture �Fig.
8�e��. The d-spacing �near 2.1 Å� of the most intense peaks
in Figs. 8�a� and 8�b� is nearly the same as the d-spacing of
the most intense peaks for the monoclinic �Fig. 8�c�� and
tetragonal �Fig. 8�d�� phases and hence this peak was not
useful in identifying the structure of the bulk. Since the
monoclinic phase gives the second strongest peak at d
�2.05 Å, and the Bragg peak of the tetragonal phase is not
present at this d-value, the peaks at d�2.05 Å in Figs. 8�a�
and 8�b� seem to suggest the presence of the monoclinic
phase in both �unannealed and annealed� solid pieces. An
ambiguity, however, sets in due to the fact that the strongest
peak of the cubic phase, which is quite broad in the begin-
ning of the transformation, also appears near the same
d-value �Fig. 8�e�� Since the cubic phase is the high tempera-
ture phase, its presence, if any, at room temperature would be
more in the specimen that has been rapidly quenched �corre-

FIG. 7. �Color online� DSC in two heating-cooling runs. The transition
temperatures are indicated by tick marks. The arrows show the heating and
cooling directions, while 1 and 2 represent the first and second cycles,
respectively.



sponding to Fig. 8�a�� compared to the specimen which is
furnace cooled after annealing �corresponding to Fig. 8�b��.
That is, the intensity of the peak at d�2.05 should be larger
in Fig. 8�a� than in Fig. 8�b�. This is contrary to the obser-
vation and hence this peak is not representative of the cubic
phase but rather the monoclinic phase. Also, in view of the
fact that the powder specimen shows a pure monoclinic
phase after annealing, this conclusion is as well justified.
However, since the relative intensity of the peak near d
�1.94 Å is considerably strong for the tetragonal phase as
compared to the monoclinic phase, the presence of tetragonal
phase is also confirmed. The relatively weak intensity of this
peak in Fig. 8�b� as compared to Fig. 8�a� suggests that the
fraction of the tetragonal phase is comparatively less in the
annealed solid piece. This is in conformity with the anticipa-
tion that annealing and slow cooling would lead to the for-
mation of a larger fraction of the monoclinic. The question
that arises is: why is the tetragonal phase stabilized in the
bulk specimen at room temperature and not in the powder

form after cooling from the cubic phase? One reason that
seems possible could be related to the fact that in the bulk
the surrounding grains put physical constraint on any grain
and this may not allow the spontaneous strain developed
during the austenite-martensite transformation to relax,
thereby resulting in a buildup of a stress field at the grain
boundaries. For x=0.20, this stress field seems to be suffi-
cient to transform part of the monoclinic phase to tetragonal
leading to phase coexistence in the bulk. If the energies of
the tetragonal and the monoclinic phases are nearly degener-
ate the competing instabilities would make the system very
susceptible to perturbation fields, such as the residual stress
in the present case. In the case of the powder since there is
less number of grains within a crystallite as compared to the
bulk, the rigidity needed for the buildup of sufficient stress
field would be lacking and part of the stress associated with
the cubic-to-monoclinic transformation can be relieved at the
surface. This could be a reason for nonstabilization of the
tetragonal phase while cooling the powder from the cubic
phase. The lack of the desired stress field can be compen-
sated by sufficient mechanical work. The mechanical work
would induce defects, and the additional stress field around
the mechanically induced defects can help the monoclinic
phase to transform to a tetragonal phase.

E. Magnetic transitions in Ni2.2Mn0.8Ga

ac susceptibility measurement �	ac� was performed on a
piece obtained by cutting from the bulk. Figure 9 shows 	ac

versus temperature curves during heating and cooling of the
specimen. It is evident from this figure that during the heat-
ing cycle, 	ac decreases drastically above 345 K, suggesting
a ferromagnetic-paramagnetic phase transition. The
ferromagnetic-to-paramagnetic transition occurs over a tem-
perature interval of �15 K, and above 360 K the specimen
is completely paramagnetic. It is interesting to note that the
onset temperature of the magnetic transition of the ingot dur-
ing heating nearly coincides with the temperature �348 K�
corresponding to the appearance of the cubic peaks in the
XRD pattern of the powder during the first heating. This
confirms the coupled magnetostructural nature of the transi-
tion for this composition as well. On cooling from the para-
magnetic phase, 	ac starts increasing below 329 K and satu-
rates below 308 K. Here again, the onset temperature of the
paramagnetic-to-ferromagnetic transition nearly coincides
with the onset temperature �333 K� of the monoclinic phase
formation while cooling the powder from the cubic phase,
confirming the coupled magnetostructural nature of the tran-

FIG. 8. �Color online� Part of the XRD patterns of Ni2.2Mn0.8Ga: �a� unan-
nealed sliced ingot at 300 K, �b� annealed sliced ingot at 300 K, �c� annealed
powder at 300 K, �d� unannealed powder, and �e� unannealed powder at 393
K while heating. The labels T, C and M denote peaks corresponding to the
tetragonal, cubic and monoclinic phases, respectively.

FIG. 9. Temperature variation in the weak field ac susceptibility of bulk
Ni2.2Mn0.8Ga.



sition for this composition. The magnetic thermal hysteresis,
shown in Fig. 9, is therefore a result of magnetostructural
nature of the transition in x=0.20.

A caution must, however, be exercised in the interpreta-
tion of the result of the magnetic measurement since, as
shown above, the bulk specimen shows a phase mixture of
tetragonal and monoclinic phases even at room temperature.
The question of interest is whether both the phases contribute
to the magnetism in the system or only one of them. Since
the onset temperature of the magnetic transitions in the bulk
and the structural transformations in the powder coincide
during the first heating and cooling runs, it seems that both
the tetragonal and the monoclinic phases are ferromagnetic
in nature. In view of this, the overall thermal hysteresis of
the magnetization curve in Fig. 9 is the result of
ferromagnetic-paramagnetic transition involving both the
martensite phases �tetragonal+monoclinic� during the heat-
ing and the cooling runs. This is also apparent from the fact
that the width of the thermal hysteresis associated with the
magnetic and the reversible monoclinic-cubic-monoclinic

structural transitions �Fig. 6� is very different; i.e., �30 K in
the former case and �10 K in the latter. It may, however, be
pointed out that though the tetragonal phase at room tem-
perature may be ferromagnetic, it will not be able to retain its
ferromagnetic nature beyond 360 K. This argument does not
apply to the monoclinic phase since the monoclinic phase
does not last beyond 335 K on heating �Fig. 6�.

F. Structure and phase transition of Ni2.35Mn0.66Ga0.98
„x=0.35…

For the sake of comparison, phase transition behavior of
Ni2.35Mn0.65Ga was also investigated with synchrotron x-ray
powder diffraction. Unlike x=0.20, the composition x=0.35
does not exhibit a coupled magnetostructural transition. The
martensitic start and Curie temperatures for this composition
are known to be 537 and 320 K, respectively.15 The powder
diffraction pattern at room temperature of this composition is
similar to x=0.20, confirming the tetragonal structure of this
composition, as shown in the bottom panel of the left column
of Fig. 10. The XRD pattern of the bulk was also found to
exhibit the same tetragonal structure. A comparison of the
half widths �FWHM� of the peaks for both compositions �see
Table I� reveals that the width of the Bragg peaks of the
powder specimen of x=0.35 is significantly lower than that
of x=0.20. The result of the Williamson–Hall analysis is
shown in Fig. 11. It may be remarked that despite the same
method adopted for obtaining the powders from their respec-
tive bulks �x=0.20 and 0.35�, the powder pattern of x=0.35
does not exhibit anisotropic peak broadening as all the data
points in Fig. 11 could be fitted with one straight line. The
average value of strain in the crystallites was estimated to be
�0.2�1�%, which is reasonably lower than that for x=0.20
�0.3%–0.5%�. The average value of the CSD size was found

TABLE I. Comparison of the FWHM of some of the prominent Bragg
reflections of x=0.20 and 0.35. The instrumental FWHM in this angular
range is �0.045° and has not been subtracted.

hkl

Observed FWHM
�deg�

x=0.20 x=0.35

112 0.094 0.056
200 0.200 0.117
220 0.248 0.071
204 0.239 0.089
312 0.232 0.081
224 0.177 0.079
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FIG. 10. Evolution of x-ray powder diffraction pattern of Ni2.35Mn0.65Ga as
a function of temperature. The left column �bottom to top� depicts the evo-
lution on heating, while the right column �top to bottom� depicts the evolu-
tion on cooling. The indices of the peaks corresponding to the tetragonal and
the cubic phases have been shown.

FIG. 11. Williamson–Hall analysis of the XRD pattern of the powder of
Ni2.35Mn0.65Ga at room temperature.



to be sufficiently large to be estimated reliably using this
method. This may be contrasted with the average CSD size
of �250 Å obtained for x=0.20. As mentioned before, one
of the factors responsible for the relatively smaller values of
CSD size in the case of x=0.20 as compared to x=0.35 could
be associated with the presence of extremely fine twinned
regions, associated with the monoclinic-to-tetragonal trans-
formation induced by stress in the former and its absence in
the latter composition. Detailed transmission microscopic
studies can throw more light on this issue.

Figure 10 shows the temperature evolution of the pow-
der XRD pattern of x=0.35 on heating �left column, bottom
to top� and cooling �right column, top to bottom�. The Ri-
etveld analysis was carried out to obtain the structural pa-
rameters and the relative phase fractions of both the phases
in the phase coexistence region. Figure 12 shows the tem-
perature variation in the lattice parameter �Fig. 12�a��, cell
volume �Fig. 12�b��, and percentage fraction of the tetrago-
nal phase in the phase coexistence region �Fig. 12�c��. The
following features were noted from this study: �i� in contrast
to the case for x=0.20, the FWHM of the growing cubic
peaks is of the same magnitude as the neighboring tetragonal
peaks; �ii� the tetragonal phase is recoverable from the cubic
austenite phase suggesting the reversible nature of the
tetragonal-cubic transition; �iii� the phase coexistence, during
the heating and cooling cycles, occurs over a temperature
interval of �80–90 K; �iv� the hysteresis width of the ther-
mal hysteresis curve �Fig. 12�c�� is �45 K, which is almost
4.5 times the hysteresis width associated with the reversible
monoclinic-cubic-monoclinic transition of the x=0.20 com-
position; and �v� the percentage decrease in volume associ-
ated with the tetragonal-cubic phase transition is �0.2,
which is comparable to the value reported for the stoichio-
metric alloy, Ni2MnGa.22

The results presented above clearly show that while the
transformation of the tetragonal phase to cubic on heating is
almost over �90 K above the austenite start temperature for
x=0.35, the tetragonal and cubic phases coexist more than
300 K above the austenite start temperature for x=0.20. The
extremely sluggish nature of the tetragonal-cubic transforma-
tion in x=0.20 is also marked by the extremely large FWHM
of the emerging austenite peaks due to the buildup of strains
in the system during the transformation process. Since the
formation of the product nuclei in a parent matrix involves
inducement of interfacial strain at the interfaces of the two
phases, it is anticipated that a larger interfacial strain could
be an important factor for sluggish transformation of the cu-
bic phase in x=0.20. We therefore compared the lattice pa-
rameters of the cubic and tetragonal phases in their respec-
tive phase coexistence region just above their respective
austenite start temperatures for both the compositions. For
x=0.20, atet=3.898 Å, ctet=6.460 Å, and acub=5.820 Å at
363 K �austenite start temperature of 348 K�, and for x
=0.35, atet=3.875 Å, ctet=6.508 Å, and acub=5.801 Å at
554 K �austenite start temperature of �540 K�. It is obvious
from these data that the lattice parameters of tetragonal and
the cubic phases, for both the compositions, are not very
dissimilar. As a result, the interfacial strains associated with
the tetragonal-cubic transition are expected to be more or
less similar for both the compositions. In view of this, the
extremely sluggish tetragonal-to-cubic transformation of x
=0.20 cannot be attributed primarily to the interfacial strain
associated with the phase transformation itself. Alternatively,
it may be attributed to the presence of comparatively large
density of structural defects �primarily dislocations� induced
during the crushing of the bulk itself, as manifested in terms
of a smaller value of the average size of the CSDs for x
=0.20 as compared to x=0.35. Since the same method was
used to obtain the powders from the bulk of both x=0.20 and
0.35, the presence of more defect density in the former com-
position would mean that x=0.20 is elastically soft as com-
pared to x=0.35. This is in conformity with the proposition
that the tetragonal and monoclinic phases are nearly degen-
erate for x=0.20, thereby making it more susceptible to ex-
ternal perturbations. For x=0.35, the competing instabilities
are absent since the tetragonal phase always wins over the
monoclinic phase irrespective of the level of the stress field
present in the system.

IV. CONCLUSIONS

In conclusion, the detailed temperature dependent x-ray
powder diffraction studies carried out on two compositions
of the nonstoichiometric Ni2+xMn1−xGa alloy, namely, x
=0.20 and x=0.35, have shown that while x=0.35 exhibits a
reversible tetragonal-cubic transition on heating and cooling,
the composition x=0.20 exhibits tetragonal-to-cubic transi-
tion on the first heating run, but cubic to a modulated mono-
clinic phase on cooling. Subsequent heating and cooling runs
show a reversible monoclinic-cubic-monoclinic phase transi-
tion. The results clearly demonstrate that the tetragonal phase
in the powder specimen of x=0.20 is an unstable phase while
it is a stable phase for x=0.35. The half width analysis has

FIG. 12. �Color online� Temperature variation in �a� lattice parameters of
the cubic and tetragonal phases of Ni2.35Mn0.65Ga on heating �filled red
circles� and cooling �black cross�, �b� unit cell volume while heating, and �c�
molar fraction of the tetragonal phase on heating �filled red circles� and
cooling �filled black circles�. In �a�, the c-parameter �ct� of the tetragonal
phase is multiplied by �2 for direct comparison with the a-axis of the te-
tragonal cell �at� and the cubic lattice parameter �ac�. Similarly the cell
volume of the tetragonal phase is multiplied by 2 for direct comparison with
the cubic cell volume. The straight solid lines in �b� are least-squares fitted
lines in the tetragonal �tet� and cubic �cub� phases.



revealed that the tetragonal phase of x=0.20 is stabilized in
the presence of residual stress induced during the crushing of
the bulk. The tetragonal-to-cubic transformation for x=0.20
is extremely sluggish and occurs over a temperature range of
�350 K.

The results seem to suggest that the ground state struc-
ture of the Ni2+xMn1−xGa system is a close competition be-
tween the unmodulated tetragonal and modulated
orthorhombic/monoclinic structures. The tetragonal phase
thermodynamically wins over the modulated phases for
higher Ni content compositions such as x=0.35. For x
=0.20, although the modulated structure of lower �mono-
clinic� symmetry is thermodynamically stable, the tetragonal
phase, with the help of internal stress field, could manage to
get itself stabilized. This situation seems to exist naturally for
the bulk case since the surrounding grains would not allow
the strain associated with the temperature induced structural
transition to be sufficiently relieved, thereby building a stress
field. We propose that this stress is responsible for the partial
stabilization of the tetragonal phase in the annealed bulk
specimen along with the thermodynamically stable mono-
clinic phase. Although theoretical studies on Ni2.25Mn0.75Ga
have shown that the ferromagnetic tetragonal phase is more
stable compared to the cubic phase,15 no comparison with the
monoclinic structure has been done so far. The present stud-
ies might stimulate further work in this direction. This study
highlights the difference in the character of the bulk and
powder of the same composition and emphasizes the point
that structure-property correlation studies of powder and
bulk should be examined separately as they may not show
the same structural and microstructural features.
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