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a b s t r a c t

Using large scale molecular dynamics simulation, we investigate the deleterious effect of hydrogen in Zr.
We consider both dilute and concentrated limit of H. In the dilute and concentrated H limits, we study
the effect of 1e5 atomic percentage of hydrogen, and that of ε-ZrH2 precipitate having 5e10 nm di-
ameters, respectively. From the stressestrain curves and micro-structure analysis at different strain
values, we characterize the deformation behavior and correlate our result with previously reported
mechanisms. We show hydrogen atoms in dilute limit help in dislocation multiplication, following the
hydrogen-enhanced localized plasticity mechanism. In the concentrated limit, on the other hand, dis-
locations and cracks nucleate from precipitateematrix interface, indicating the decohesion mechanism
as primary method for Zr degradation. These findings are corroborated with a nucleation and growth
model as expressed in KolmogoroveJohnsoneMehleAvrami equation.
1. Introduction

Zirconium (Zr) and its alloys have attracted much attention in
the structural research community in past few decades due to its
usage as cladding material for light water reactors. Zr is suitable as
cladding material due to its very low capture cross-section of
thermal neutrons and good corrosion resistance at high tempera-
tures [1]. While the reactor is in operation, the Zr-based cladding is
oxidized by waterside corrosion and it absorbs the generated
hydrogen. At lower concentration, the absorbed hydrogen (H) oc-
cupies interstitial site in the Zr matrix to form ZreH solid solution,
as detailed in our earlier reports for other materials [49,50]. On the
other hand, at higher H concentration, zirconiumehydrides are
formed. In both the dilute and concentrated regimes, inclusion of H
deteriorates the mechanical properties of Zr, via defect nucleation
and defect evolution [51,52] within the system and thus causing
embrittlement. Hydrogen embrittlement in Zr alloys is one of the
main causes of mechanical degradation of light water reactor fuel
cladding and is regarded as one of the most important issues in
e for Basic Sciences, Kolkata,
safety regulation for light water reactor type nuclear power plants
[2]. The ZreH equilibrium phase diagram [3] is shown schemati-
cally in Fig. 1. In the present study we focus on two regions of the
phase diagram, shown as encircled in Fig. 1: 1) The dilute limit of H,
where ZreH solid solution forms and 2) The concentrated limit of H
where a few varieties of hydride phases are formed. Among
different concentrated phases of hydride we focus on the ε-ZrH2

phase, which has the maximum amount of H incorporated.
In the dilute limit of H, several different microscopic mecha-

nisms underlying the H induced degradation have been proposed
in literature. For example, several studies have reported H-induced
lowering of the critical cleavage stress that affects opening up or
propagation of cracks [4e6]. Adsorption of H on surfaces has been
reported to reduce the surface excess free energy [7]. The hydrogen
enhanced localized plasticity (HELP) mechanism has been pro-
posed in literature [8e10] as a predominant cause for degradation
in metals. A few ab-initio studies have evaluated the planar defect
properties for a ZreH solid solution, based on density functional
theory (DFT) calculations [7,9,11]. These studies indicate that
hydrogen in a ZreH solid solution can enhance dislocation mobility
while it lowers surface energy. However, these speculations are yet
to be confirmed either through advanced experimental techniques
or large scale atomistic simulation, where one can identify specif-
ically the effect of H in Zr deformation behavior. As hydrogen
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Fig. 1. A schematic phase diagram of the ZreH system. The encircled regions are the
two phases considered in the present study.
solubility limit is fairly low even at the operating temperature of
light water reactor plants, large scale atomistic modeling of ZreH
systems with different atomic percentage of H may determine the
details of the influence of hydrogen on macroscopic mechanical
behavior.

In the concentrated limit of H, the hydrides are brittle and
produce cracks on application of stress, that reduces the perfor-
mance and life expectancy of nuclear reactor, thereby increasing
the cost of nuclear power plants. Various studies focusing on the
deformation [12e15] or fracture [16e18] behavior of zirconium
hydrides suggest that hydride precipitates play an important role in
the hydrogen embrittlement of various zirconium alloys. Farrow
et al. have claimed that voids or micro-cracks, generated as a result
of interaction between hydride precipitates and twinning struc-
tures around the precipitates contribute to embrittlement [19]. It
has further been suggested that voids nucleate at interfaces be-
tween the hydride and zirconium matrix to develop micro-cracks
[20]. However, in comparison to experimental studies, there are
very few computational studies to shed light on such deformation
behavior. The large scale atomistic simulation which can provide a
unique capability to capture details of deformation and fracture
processes at the atomic level with various precipitate sizes, is
ideally suited to examine the aforementioned proposed
mechanisms.

2. Computational details

All the molecular dynamics simulation in this study are per-
formed using the Large-scale Atomic/Molecular Massively Parallel
Simulator (LAMMPS), developed at the Sandia National Laboratory
[21]. This fully parallelized program uses spatial decomposition
technique to partition the simulation domain that significantly
decreases the simulation time. All simulations are carried out using
ZreH modified embedded atom method (MEAM) semi-empirical
potential. Over the last two decades the MEAM methodology has
been successfully applied to metals and alloys for studying defor-
mation mechanisms [22,23,53]. The original methodology, where
only up to the first nearest neighbor interactions are considered, is
improved recently by Lee et al. to extend the interactions up to
second nearest neighbors [24]. A few of these second nearest
neighbor (2NN) MEAM potentials are recently used in large scale
atomistic simulations to study the microscopic mechanism for void
growth [25], nature of dislocation core structure in Ti [26], ductile
to brittle transition [27], etc. The 2NN MEAM potential used in
present work was originally used for comparative study on
hydrogen diffusion in amorphous and crystalline metals [28].

We first consider the case of pure Zr in bulk. The atomic posi-
tions are first generated in accordance with the crystal symmetry,
followed by a structural optimization. The energy per atom as a
function of atomic volume is then fitted in order to obtain the
relaxed lattice parameters and cohesive energy of pure Zr. Our
obtained lattice parameters (a ¼ 3.23 Å, c/a ¼ 1.59) and cohesive
energy (6.36 eV/atom) agree well with other theoretical [11] and
experimental [29] observations, reflecting the reliability of the
chosen 2NN MEAM potential, which has been already tested in
literature [29]. Similarly, we found that the calculated lattice
parameter, a ¼ 4.2 Å for ε-ZrH2 phase matches closely with
experimental results [28,30]. Various structural and elastic prop-
erties, other than lattice constant and cohesive energy, such as
dilute heat of solution of hydrogen, vacancy formation energy,
planar defect properties including surface energies and stacking
fault energies in a-Zr, heat of formation of ε-ZrH2 and elastic con-
stants including C11, C12, C44, etc of a-Zr have been further tested by
Kim et al. [29] and Lee et al. [28]. These results are found in good
agreement with either ab-initio calculation or experimental
observation, showing the capability of this potential in describing
mechanical properties correctly. In Ref. [29] the authors have also
tested the reliability of this potential for thermal properties, such as
thermal expansion coefficients, specific heat, melting point,
enthalpy of melting etc.

The large scale simulations are performed on rectangular
simulation cells having x, y, and z axes oriented along the ½1010�,
½1210�, and [0001] directions, respectively with dimensions
20.67 � 20.70 � 41.22 nm3. The total number of atoms considered
are ~750,000 for both the dilute and concentrated cases. To study
the dilute limit, simulations are carried out with different per-
centages of H, where hydrogens are placed randomly in interstitial
sites. In general, there are two interstitial locations in HCP Zr;
octahedral, and tetrahedral. In the a-Zr phase the H atoms are
placed in the octahedral site, which is the most stable site for our
system. However, as shown in Ref. [28], based on a comparative
study on hydrogen diffusion in amorphous and crystalline Zr, the
site preference between octahedral and tetrahedral location does
not play a significant role for studying the dynamic behavior of
hydrogen, since the migration energy between the two sites is not
very high. The structures upon introduction of H are completely
relaxed including the volume. Five different systems are studied,
with H concentration chosen between 1 and 5 atomic percentage of
H. For our study in the concentrated limit, we placed a spherical
ε-ZrH2 precipitate of three different sizes (5, 7, and 10 nm diameter)
in the Zr matrix as starting configuration. Note bulk Zr and ZrH2
have different lattice parameters and have different crystal struc-
tures [31]. Keeping this aspect in mind, to prepare the starting
configuration, we have cut out a spherical volume in bulk Zr and
inserted an equal volume of sphere in its place. We have tried to
match the volume of the precipitate with that of the hollow sphere
cut in bulk Zr, instead of matching the number of removed Zr atoms
and number of inserted ZrH2 atoms. The lattice mismatch caused at
the interface by the insertion of the spherical precipitate is taken
care by complete relaxation of the whole structure. During this
relaxation process, the interface region thickens up in order to
relieve the interfacial strain. No dislocation is pre-constructed at
the starting configuration. Initially all the atoms in the simulation
cell are relaxed at T ¼ 0 K through energy minimization using the
conjugate gradient (CG) method [32]. In the next step, the simu-
lation cells are equilibrated at a temperature of 500 K by using a
Nose-Hoover thermostat [33,34] for 20,000 time steps (20 ps) and
further equilibrated under constant pressure and temperature



(NPT) condition using Parrinello and Rahman barostat [35] for
another 20,000 time steps (20 ps) without any applied strain. A
total of 30,00,000 time steps is considered for each run. Finally, the
system is subjected to a uniaxial tensile strain along [0001] direc-
tionwith a constant strain rate of 108 s�1, maintaining a zero-stress
condition at the cell boundaries [36,37] in other two directions [38].
The strain rate parameters are fixed such that the box length will
expand by 0.01% of its original length every picosecond along the
direction [0001] maintaining a zero-stress condition at the trans-
verse direction. The system stress calculated without considering
the kinetic energy part, as used in virial definition, is given below:

sab ¼ 1
V

XN�

i

XN

jðsiÞ
f ija r

ij
b ; (1)

where f ija is the force vector between atoms i and j in the direction a,
rb is the distance vector in direction b, N is the number of neigh-
boring atoms for atom i,N* is the total number of atoms, and V is the
simulation cell volume. The volume-averaged stress tensor as
defined in Eqn. (1) is the same as the global stress used in previous
MD simulations [39]. The common neighbor analysis (CNA) [40] is
used to identify the atomic structure in terms of atoms having the
environment as in FCC, BCC, HCP crystal structure and those not
following any specific crystal geometry. Visualization of the atomic
configurations were obtained using the Open Visualization Tool
(OVITO) [41].
3. Results and discussions

3.1. Dilute limit of H

As the system is heated up from room temperature to higher
temperature (~850 K or above), two major changes happen. As
depicted in Fig. 1, firstly the HCP Zr undergoes a phase trans-
formation from a-Zr to b-Zr and secondly the solubility for H in a-Zr
decreases very sharply. Thus, in order to study the effect of H in HCP
Zr (a-Zr phase) the temperature in all of our simulations is set at
500 K. Furthermore, since this phase has a maximum solubility
limit of 5.93 atomic percentage of H [3], the simulation cell is
developed with (1e5) atomic percentages of H.
3.1.1. Stressestrain curve
The stressestrain curves with various atomic percentages of H

are shown in Fig. 2a, along with the case of pure Zr. The linear onset
of the curves up to a certain strain indicate the elastic response,
Fig. 2. (a) Stressestrain plot for pure Zr and Zr with different percentages of H. Adjacent figu
Percentage of HCP atoms with applied strain along with variation of Ultimate tensile stress
whereas for higher strains the curves gradually bend, indicating the
onset of plastic deformation. When strain exceeds a certain level,
damage in the structure develop and grows until rupture occurs
around a strain of about 10%. The precise strain value at which
rupture occurs depend on the H concentration (10.8% for pure Zr). It
is found that with increase in percentage of H, linear elastic region
decreases gradually and the non-linear elasticeplastic region in-
creases, signifying a ductile failure. The strain value at which the
material breaks down, the Ultimate Tensile Stress (UTS), decreases
as the H content in the simulation cell is increased. This is high-
lighted in the zoomed in plot in Fig. 2a. In order to examine the
effect of H, snapshots at different strain level with different per-
centage of H is studied. Using common neighbor analysis as
calculated by OVITO [41], we identify the non-HCP (defected)
atoms. Number of non-HCP atoms or defected atoms increase as
resistance to accommodate the applied load reduces which in turn
relates to the strength of the material [42]. The change in the per-
centage of HCP atoms with applied strain is shown in Fig. 2b. In the
hydrogen containing systems, it is seen that the initial number of
HCP atoms is not 100% as opposed to the case with pure Zr. This is
due to the fact that as H atoms are introduced as interstitials into
the pure HCP Zr crystal structure, the local symmetry breaks down
and surrounding Zr atoms no longer have HCP coordination.
Accordingly, the initial percentage of HCP atoms reduces with in-
crease in percentage of hydrogen content. The reduction of per-
centage of HCP atoms before the fracture compared to the no-load
situation increases as the percentage of H increases. This indicates
the fact that the strength of material reduces as more andmore H is
incorporated into Zr. The inset graph of Fig. 2b shows the per-
centage decrease of UTS compared to that of pure Zr, with
increasing H concentration. It is to be noticed that even 1% inclusion
of H into Zr may result in ~8% reduction in UTS.
3.1.2. Microstructure
Investigation of microstructures at several strain values may

provide information regarding the deformation mechanisms
related to the solute softening effect [54,55]. In order to examine
the microstructure, we cut the system halfway, parallel to the
loading direction at different strain values. Through a sequential
microstructure analysis for five different cases it is found that as the
strain increases, the dislocations become more active producing
defected (non-HCP) atoms. Using OVITO, we find that the disloca-
tions primarily nucleate on prismatic plane along 〈1210〉 direction.
Contrary to the general perception that dislocations nucleate at the
defected sites, the dislocations are found not to nucleate from the
locations where hydrogens are present. All the simulations with
re shows the zoom in portion at which the material breaks down for different cases. (b)
for different percentages of H, shown as inset.



different percentages of H in Zr show the same trend. However,
once the dislocations are nucleated, it is found that those disloca-
tions get attracted towards nearby H atoms.

To further pinpoint the role of H in dislocationmediated process,
atomistic simulation with very few H atoms are performed sepa-
rately. A snapshot of the atomistic simulation with only two H
atoms is shown in Fig. 3. As seen, dislocation nucleates far fromH at
10.91% strain and with increase of strain to 10.94%, the nucleated
dislocations are attracted towards the H atoms, as shown by the
arrows, forming secondary nucleation centers. We note that the
distance from the H atom to the nearest dislocation tip is quite large
(more than 7 nm). As the applied load is increased, the number of
displaced Zr atoms present in the pathway between the dislocation
tip and the H atom increases. In such a situation, the dislocation
starts interacting with the H atoms through the intermediate non-
HCP (defected) Zr atoms. As the applied load is increased, the dis-
locations nucleate and grow within the volume. During the growth
process of such dislocations, we observed that the dislocations
bifurcate towards the directions, where H atoms are present. We
did not find any significant diffusion of H atoms within the system,
and H atoms are more like trapped. After bifurcation of those dis-
locations, they move along the bifurcated direction crossing the H
atom (cf supplementarymaterial [43]). A very similar trend is found
in all of our simulations in the dilute limit of H inclusion. This
analysis emphasizes further that H atoms have no influence in
primary dislocation nucleation mechanism, rather influences the
dislocation multiplication process. Our finding lends support to the
hypothesis that H in solid solution with Zr induces local plasticity,
and thus corroborates the hydrogen enhanced local plasticity
mechanism.

In order to accommodate the applied load, deformation twin-
ning is a common mode of plastic deformation that occurs in HCP
metals, due to their very limited number of slip systems. Twinning
generally nucleates in a lenticular shape (Orowan type), and grows
with increasing applied load. Here, we observe a very similar twin-
like lattice reorientation without an actual twinning plane, similar
to what has recently been observed in magnesium [44]. In all the
cases with and without H we observe this twin-like re-orientation
of atoms as shown in the central panel of Fig. 4. It shows a snapshot
of the systemwith 2% H near the fracture point. Observation reveals
that the boundary between the parent lattice (prismatic plane) and
the ‘twinned’ lattice (basal plane) is composed predominantly of
semi-coherent basal/prismatic interfaces instead of the twinning
plane. The migration of this boundary is dominated by the move-
ment of these interfaces undergoing basal/prismatic
Fig. 3. Snapshots of two H containing Zr system at two different strain values, just before and
non-HCP atoms, the two H atoms being made artificially bigger in order to distinguish them
plane of cutting, with black being at the plane of cutting and white being at a distance of
transformation via local rearrangements of atoms when a suffi-
ciently high tensile stress is applied. The details of the atomic
rearrangement for lattice reorientation in our case is different than
what has been reported earlier for Mg [44]. A close monitoring of
these atomic arrangements, reveal that the shifting of alternate
prismatic planes along 〈1210〉 give rise to such basal plane like
atomic arrangement. We propose that this shifting mechanismwill
be energetically more favorable than the earlier reported mecha-
nism involving complex atomic shuffling [44]. Detailed study on
such twin like lattice reorientation is beyond the scope of present
work and may be taken up in future.

3.1.3. Quantitative analysis
As understood, the degradation in ZreH solid solution is gov-

erned by nucleation of defected atoms, followed by their growth
process towards ultimate failure of the material. In order to achieve
further understanding of such degradation mechanism in a quan-
titative manner, we use the KolmogoroveJohnsoneMehleAvrami
(KJMA) equation [45,46]. A few recent studies of irradiation-
induced defects in metals have used KJMA equation [47,48] to
quantify gas-bubble and void evolution within phase-field simu-
lation. The present study is one of a few attempts to quantify the
degradation mechanism of a metallic system using the KJMA
equation in atomistic simulation regime. The KJMA equation is
given by:

f ¼ 1� exp�ktn ;

where, f is the volume fraction of the transformed (defected) phase,
t is the time, n is the nucleation rate and k denotes the growth of the
transformed phase. With reference to the present study, the per-
centage of atoms that are dislocated or displaced is considered as
the transformed phase and the increasing strain plays the role of
“t”.

For each H containing system, the number of dislocated atoms
first nucleate (resembling the beginning of KJMA's ‘S-shaped’
curve), then monotonically increase with increasing strain
(resembling the mid part of ‘S-curve’) and finally saturate at the
fracture point (resembling the end part of ‘S-shaped’ curve). Using
standard fitting tools, we fit the evolution of non-HCP atoms at
different strain values to the KJMA equation to obtain the values of k
and n, as shown in the inset of Fig. 5 for a representative case of 2%
H in Zr. Fig. 5 plots the variation of parameter k, representing the
growth of the dislocated atoms and n, the nucleation rate as a
function of the percentage of H. We find, while the parameter k
after the yielding occured as encircled in the stressestrain plot. The picture shows only
from other Zr atoms. The grey color coding denotes the proximity of the atoms from the
20 Å from the plane of cutting, as depicted in the color bar shown by the side.



Fig. 4. Middle Panel: Twinning-like lattice reorientation in the prismatic plane, a snapshot taken from the sample with 2% H. The leftmost and the rightmost panels depict the
atomic arrangement in the prismatic and the basal plane, respectively. The inset graph of the middle panel shows the strain at which the snapshot is taken.

Fig. 5. Variation of parameters k and n with different percentages of H in bulk Zr,
obtained using the KolmogoroveJohnsoneMehleAvrami (KJMA) equation. The inset
shows the fitting of k and n with the evolution of dislocated atoms for 2%H in Zr as a
representative case.
increases monotonically with increase in the percentage of H, the
parameter n, remains almost constant. Thus, H does not play much
role in dislocation nucleation but strongly influence the dislocation
multiplication process. This is in conformity with the inference
drawn from microstructure analysis.

3.2. Concentrated limit of H

This section focuses on the effect of H in the concentrated limit
which forms ε-ZrH2 phase inside the bulk Zr. As mentioned three
different sizes of the precipitate are studied: 5 nm, 7 nm and 10 nm
in diameters respectively, while the parent Zr dimension remains
the same as studied for dilute limit (20.67 � 20.70 � 41.22 nm3).

3.2.1. Stressestrain curve
The effect of ε-ZrH2 precipitate inside bulk Zr on the stresse-

strain curve is shown in Fig. 6a. In the figure we also show the
stressestrain curve for Zr with 5% H to compare the nature of the
curves in the dilute and concentrated limit. For all the three sizes of
the precipitate, the nature of the stressestrain curves does not alter
much from the parent Zr case, except for the decrement in UTS
occurring at much lower strain values, indicating a brittle-like
fracture. Compared to the dilute limit of H, where the stresse-
strain curves denote a ductile behavior in terms of the deviation
from the linear nature of stressestrain curve, in the concentrated
limit the stressestrain curves indicate brittle-like fracture
maintaining the linear behavior until large strain values. It is found
that with increase in the diameter of the precipitate, the strain
value at which thematerial breaks down decreases. Themain cause
of the brittle nature of the fracture in the concentrated limit is the
influence of precipitate on the cohesion of precipitateematrix
interface. As size of the precipitate gets bigger, the interface area
increases, which in turn increases the chance of interfacial crack
nucleation and thus the UTS decreases. Our observation suggests
that in the concentrated limit of H, the hydrogen enhanced deco-
hesion mechanism is instrumental for Zr degradation. In order to
examine the effect of the precipitate-size, snapshots at different
strain levels with different sizes of the precipitate are studied.
Similar to the previous case of dilute limit, using common neighbor
analysis, we identify the non-HCP atoms. The change in the per-
centage of HCP atoms in bulk Zr with applied strain is shown in
Fig. 6b. The relative reduction of the percentage of HCP atoms
indicate the fact that the strength of material reduces by incorpo-
rating precipitate. The inset in Fig. 6b shows the percentage
decrease of UTS with increasing diameter of precipitate. It may be
noticed that even with 2 nm diameter precipitate, which amounts
to a ratio of precipitate volume and matrix volume of 0.002, may
result into more than 25% of reduction in UTS. This may be
comparedwith similar deleterious effect with 5% H in solid solution
that results in 25.8% reduction in UTS.
3.2.2. Microstructure & quantitative analysis
A detailed micro-structure analysis similar to that in the dilute

limit, is carried out in the concentrated limit to reveal the role of
ZrH2 precipitate in deformation mechanism. In all the simulations
of Zr with its hydride under tensile load, the nucleation of dislo-
cations are found to initiate at the precipitateematrix interface.
Once dislocations are accumulated, cracks are generated at the
interface that lead towards ultimate failure of the material. A
snapshot of the atomistic simulation with a ZrH2 precipitate of
5 nm in diameter is shown in Fig. 7, as a representative case (cf
supplementary material [43] for the movie). As discussed in the
context of dilute limit, the simulation cell is sliced at the middle. As
seen, at 7.3% strain, dislocations are observed to nucleate from the
precipitateematrix interface in the prismatic plane along the
〈1210〉 direction. The direction inwhich the dislocations nucleate is
calculated by using OVITO. Dislocation loops on prismatic plane is
observed at higher strain values as shown in the figure. Twinning
like lattice reorientation, similar to what has been found in the
dilute limit, is also observed in the concentrated limit.

Supplementary video related to this article can be found at



Fig. 6. (a) Stressestrain plot for pure Zr and Zr with different ZrH2 precipitate diameters. The representative solid solution case with 5% H is also shown for comparison between the
two limits. (b) Variation of percentage of HCP atoms with applied strain along with Ultimate tensile stress for different precipitate diameters shown in inset.

Fig. 7. Snapshot of the simulation cell with precipitate diameter of 5 nm, shown at two different strain values. The dislocation nucleates in the prismatic plane along 〈1210〉
direction as strain is increased from 7.2% (left panel) to 7.3% (right panel). The dislocation loops are observed at higher strain values which is shown in the middle panel.

Fig. 8. Variation of k and n parameters with ZrH2 precipitate diameter obtained using
the KJMA equation.
parameters k and n increase with increase in the precipitate
diameter. This can be understood from the fact that as the diameter
of the precipitate increases, the interfacial area of ZrH2 with Zr
matrix increases, which essentially enhances the number of avail-
able sites to nucleate a dislocation or crack. Compared to the dilute
limit where the role of H is confined only in the dislocation
multiplication process, the KJMA plots in the concentrated limit
indicate the role of the precipitate size in both dislocation nucle-
ation and growth mechanisms.

The KJMA plots, as shown in Fig. 8, reflects the fact that both the
4. Summary

Here we summarize our major findings towards degradation
mechanisms of Zr due to H inclusion in the dilute and concentrated
limits.
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I In the dilute limit of H, dislocations nucleate far from H
atoms. However, the nucleated dislocations are attracted
towards the H atoms, and H atoms in solid solution with Zr
helps in dislocationmultiplication. Our atomistic simulations
to this end support the HELP mechanism for Zr degradation.
On the other hand, in the concentrated limit of H, disloca-
tions are observed to nucleate from the precipitateematrix
interface. Accordingly, as precipitate volume fraction in-
creases, the inter-facial area and the probability to nucleate
such dislocation increases. At higher concentrations, our
simulation indicates the decohesion mechanism as primary
mechanism for Zr degradation.

II Solid solution H atoms lead towards a ductile fracture, in
contrast ZrH2 precipitate in bulk Zr makes the material fail
like a brittle fracture.

III Prismatic dislocations are observed in both the limits.
Dislocation loops were observed near the precipitate matrix
interface in the concentrated limit.

IV Twin-like lattice reorientation is observed in both the limits
of H inclusion.

V KJMA equation, introduced for the first time to identify the
nucleation and growth process of the dislocated atoms in a
metallic system, provide quantitative support to the above
conclusions.
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